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Abstract

In this work, the interaction of hydrogen with high-angle GBs in nickel has been investigated by means of density
functional theory simulations. Two distinct types of GBs have been considered: the Σ3(111)[1̄10] with a close-packed
interface structure and the Σ5(210)[001] with a less dense interface structure consisting of open structural units. Our
calculations reveal that these two GBs have a markedly different interaction behavior with atomic hydrogen. The close-
packed Σ3 GB neither traps H nor enhances its diffusion, but instead acts as a two-dimensional diffusion barrier. In
contrast, the Σ5 GB provides numerous trapping sites for H within the open structural units as well as easy migration
pathways for H diffusion along the GB plane that can enhance the H diffusivity by about two orders of magnitude
compared to bulk Ni. The obtained results are analysed in detail and compared with available experimental and other
theoretical data.

Keywords: Hydrogen embrittlement, nickel, grain boundary, diffusion, segregation

1. Introduction

Hydrogen is known to have a deleterious effect on me-
chanical properties of many metals and alloys. This phe-
nomenon, known as hydrogen embrittlement (HE), has
been studied intensively over decades but its underlying5

microscopic mechanisms are still debated and not fully un-
derstood (for reviews see [1, 2, 3, 4, 5, 6]). For structural
materials, which do not form hydrides, such as Ni, sev-
eral mechanisms responsible for HE have been proposed
including hydrogen enhanced decohesion (HEDE), hydro-10

gen enhanced local plasticity (HELP), adsorption-induced
dislocation emission, or hydrogen enhanced strain induced
vacancy formation. Although all these mechanisms are of
different nature, they are not mutually exclusive and are
likely to occur simultaneously in many situations. The15

dominant damage mechanism will then depend on a par-
ticular material, its microstructure and external conditions
(H concentration, type of loading, strain rate, tempera-
ture, etc.).

It has been shown by Bechtle et al. [7] that the fracture20

mode of polycrystalline Ni changes sharply from intragran-
ular and ductile to intergranular and brittle when the ma-
terial is charged with H. However, the transition depends
sensitively on the Ni microstructure and the presence and
fraction of special grain boundaries (GBs). These obser-25

vations clearly indicate that hydrogen affects the cohesive
strength of grain boundaries, as proposed in the HEDE
mechanism, and that the sensitivity of a GB to HE likely
depends on its interface structure [7, 8]. Nevertheless, in
a follow-up work Martin et al. [9] concluded that plas-30

ticity always plays an important role in hydrogen-induced

embrittlement in Ni, even when the macroscopic fracture
appears to be brittle. The HELP mechanism, considering
the variations of dislocation mobility due to hydrogen, can
therefore be a contributing factor as well. In addition, a35

possible formation of a Ni nanohydride phase in the vic-
ity of crack tips, dislocations and GBs has been proposed
recently based on results of atomistic simulations [10, 11].

A key element common to all HE mechanisms is the
need for a critical local concentration of hydrogen in the40

metal. In the case of the HEDE mechanism, this criti-
cal concentration needs to be achieved in the vicinity of
the failing GBs at an accumulation rate comparable with
the propagation rate of a crack [12, 13]. In order to fulfill
this requirement, it is necessary for the H atoms to be both45

able to diffuse fast towards the GBs and become efficiently
trapped there. Whereas most reports in the literature
[14, 15, 16, 17, 18, 19] agree on favorable trapping proper-
ties of GBs, it is still rather controversial whether the GBs
can also enhance H diffusion [3, 14, 16, 18, 20, 21, 22]. This50

controversy stems from a complicated interplay between
intrinsic material properties, microstructure, and external
conditions, but it is also partly due to a lack of systematic
atomic-scale information regarding the diffusion of H along
GBs. So far, only a few experimental studies [16, 23, 24]55

have considered, for example, the dependence of the H dif-
fusivity at GBs on their interface character. Moreover, in
experimental studies it is often difficult to exclude effects
of other structural imperfections, such as point defects,
dislocations, or impurities, which can all influence the dif-60

fusion measurements. In computational studies, the major
difficulty lies in the massive amount of work required to
identify and investigate representative cases from the vir-
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tually infinite variety of possible GBs in materials.
In order to shed some light on this problem, we have in-65

vestigated the trapping and diffusion of H across and along
GBs in Ni using first-principles calculations. Two symmet-
ric tilt grain boundaries (STGBs) have been selected for
our study: the Σ5(210)[001] STGB and the Σ3(111)[1̄10]
STGB. These GBs (denoted briefly as Σ5 and Σ3 in the70

following) have very distinct interface structures and, as
discussed in detail below, can be considered as represen-
tative cases for a broader variety of GB types.

The paper is organized as follows: In Sec. 2, we de-
scribe our computational approach. In Sec. 3, our results75

regarding the interface structures, the H segregation and
the H diffusion for both GBs are presented. In Sec. 4,
we discuss the results and provide a detailed comparison
with available experimental and other theoretical results.
In Sec. 5, the main findings and conclusions of the work80

are summarized.

2. Computational approach

Atomistic supercell models of the two GBs were inves-
tigated by means of density functional theory simulations
using the Vienna ab-initio simulation package (VASP) [25,85

26, 27]. A generalized gradient approximation (GGA) in
the form given by Perdew, Burke and Ernzerhof [28] was
employed for exchange-correlation and ultrasoft pseudopo-
tentials [29] were used for the core-valence interactions.
All calculations were carried out as spin-polarized. For90

the Brillouin-zone integrations, Monkhorst-Pack k-point
meshes of 6x10x1 for the Σ3 and 4x8x2 for the Σ5 were
used. For supercells without H, both ionic positions and
cell vectors were relaxed. In supercells containing H atom,
the dimensions were kept fixed (identical to the corre-95

sponding supercells without H) and only the ionic posi-
tions were relaxed.

The investigated GBs are characterized by the GB en-
ergy calculated as

γGB =
EGB − Ebulk

2A
, (1)

where EGB is the total energy of the supercell containing100

the GB, Ebulk is the total energy of bulk Ni crystal with
the same number of atoms, and A is the interface area of
one GB in the supercell (the factor of two in the denomi-
nator takes into account that there are two identical GBs
in the supercell). Lower values of γGB generally indicate a105

stronger cohesive bonding between the two grains in con-
tact. Another useful parameter characterizing the GBs is
the associated excess volume per one GB in the supercell
defined as

∆V =
VGB −NVNi

2
, (2)

where VGB is the total volume of the supercell containing110

the GB, N is the number of atoms in the supercell, and
VNi is the volume per atom of bulk Ni. Larger values

of ∆V indicate a more open GB structure, while smaller
values indicate a more compact GB structure.

The efficiency of a GB to trap H atoms is quantified115

by the segregation energy, Eseg, defined as

Eseg = Esol
GB − Esol

bulk, (3)

where the Esol
GB and Esol

bulk are the solution energies of H
segregated at the GB and in the middle of the grain (in
the same supercell), respectively. The solution energy for
an H atom at a site x is defined as120

Esol
x = Ex+H − Ex −

1

2
EH2

, (4)

where Ex+H is the total energy of supercell containing H,
Ex is the total energy of the same supercell without H,
and EH2

is the energy of an isolated H2 molecule. With
these definitions, negative values of the solution energies
indicate that it is energetically more favorable for H to be125

dissociated and absorbed in Ni, while negative values of
the segregation energies imply a preferable segregation of
H at the GB.

3. Results

3.1. H in bulk Ni130

As a reference, we first computed properties of bulk Ni
in its face-centered cubic (fcc) equilibrium structure as well
as H solution energies and migration barriers in a large
bulk supercell containing 32 Ni atoms. The equilibrium
lattice parameter of 3.53 Å for fcc Ni is in good agreement135

with other theoretical and experimental data [17, 11]. The
calculated solution energy for H occupying an octahedral
interstitial site in the large supercell amounts to 0.084 eV,
similar to values obtained in other computational stud-
ies [11, 30, 31]. The migration of an H atom between two140

neighboring octahedral sites proceeds via an intermediate
metastable tetrahedral site (see Fig. 4(a)). The calculated
energy barrier associated with the jump was found to be
0.37 eV without mechanical effects [32, 33]. This result
closely agrees with results of previous calculations [34, 35].145

We investigated in detail the influence of quantum correc-
tions [2, 32, 34, 35, 36] using the semi-classically corrected
transition state theory [37, 38] and found that these cor-
rections are relatively small for Ni and do not affect the
results presented here. This investigation will be reported150

elsewhere [39].

Structure of the Σ3(111)[1̄10] GB

The Σ3 GB supercell consists of an orthorhombic cell
with 24 Ni atoms and contains two GBs separated by five
atomic (111) layers. The relaxed GB structure is shown155

in Fig. 1, the corresponding supercell dimensions and the
GB energy are given in Table 1. The first-nearest-neighbor
distances between Ni atoms in the vicinity of the GB de-
viate less than a half percent from the bulk value of 2.50
Å indicating that the atomic arrangement at the interface160
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is only slightly distorted. This is not surprising, since the
presence of this twin interface only alters the stacking of
the close-packed (111) planes. As a result, the Σ3 GB has
a negligible excess volume (see Table 1), and the calcu-
lated GB energy of 0.18 J/m2 is very small in comparison165

with typical GB energies values [40].

Figure 1: Relaxed supercells for the Σ3 GB (left) and for the Σ5
GB (right) containing 24 and 40 Ni atoms, respectively. The dashed
lines mark the GB interface planes; the repeated atoms are shown in
light grey; the bulk octahedral sites are marked by red squares.

STGB a [Å] b [Å] c [Å] γGB [J/m2] ∆V [Å3]

Σ3(111)[1̄10] 4.320 2.502 24.51 0.18 0.8

Σ5(210)[001] 7.928 3.545 16.41 1.29 11.1

Table 1: Supercell dimensions, GB energies, γGB , and excess vol-
umes per one GB, ∆V , for the relaxed supercells of the two investi-
gated GBs.

Structure of the Σ5(210)[001] GB

The orthorhombic supercell of the Σ5 GB contains 40
Ni atoms distributed on 10 atomic (210) layers. Previous
studies [15, 17, 41] have shown that this supercell is suf-170

ficiently large to avoid spurious interactions between two
GBs. The relaxed GB structure is shown in Fig. 1, addi-
tional characteristic data are listed in Table 1.

In contrast to the Σ3 GB, the local atomic and elec-
tronic structure of the Σ5 GB is significantly different with175

respect to the bulk interior. In order to visualize these dif-
ferences, we plot several cross sections showing the valence
electron densities in the Σ5 supercell in Fig. 2. In the cen-
tral (bulk) part of the supercell (see the cross section in
Fig. 2b), the regions of the lowest electron density are lo-180

cated at the ordinary octahedral interstitial sites in bulk
Ni. In contrast, much larger regions of low electron den-
sity are present along the GB plane (see Fig. 2a and 2c).
We refer to these regions further as cavities and analyze
their role in H segregation and diffusion in detail below.185

The presence of the cavities along the GB plane reflects
the more open structure of the Σ5 GB, characterized by
much larger excess volume than that for the Σ3 GB (cf.
Table 1). In addition, the distorted atomic structure also
leads to a significantly higher GB energy, comparable to190

energies of most GBs in Ni [40].

Figure 2: (Color online) Valence electron density plots for the Σ5
GB: panel (a) shows a cross section along the (001) plane, panels (b)
and (c) depict cross sections along two (210) planes in the bulk-like
region (highlighted in yellow in (a)) and at the GB plane (high-
lighted in green in (a)). The red and blue colors correspond to areas
of high and low electron densities, respectively. The region of the
lowest electron density in the bulk cross section corresponds to an
ordinary octahedral site. On the (a) and (c) cross sections, the GB
cavities with low electron density are clearly visible in blue. (d) A
3D depiction of the GB cavity as an isosurface corresponding to elec-
tron density of 0.14 Å−1); the superimposed red spheres mark the
metastable segregation sites for hydrogen atoms.

H segregation at the GBs

In order to quantify H segregation, an H atom was
inserted at various interstitial positions in the two GB su-
percells, and the structures were subsequently relaxed. For195
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the Σ3 GB, two sites were selected: (i) a bulk-like octa-
hedral site in the middle of the supercell (further referred
to as OΣ3

bulk site), and (ii) an octahedral site located in be-
tween the GB plane and its immediately neighboring (111)
plane (further referred to as OΣ3

GB site). The reason why200

the H atom was not placed directly at the GB plane is
that due to the local A-B-A stacking of the (111) planes,
there are no octahedral interstitial sites at the GB plane
(see Fig. 4b and discussion below). The segregation and
solution energies, calculated according to Eqs. 3 and 4, are205

listed in Table 2.
The solution energy of 0.08 eV in the bulk region of the

GB supercell is the same as the value for the reference bulk
configuration mentioned above. In case of the OΣ3

GB site,
the solution and segregation energies are only marginally210

lower than those in the bulk. The small segregation energy
of only −0.01 eV indicates that the trapping of H at the
Σ3 GB is almost negligible.

Site Esol
x [eV] Eseg [eV] ρel [Å−3]

OΣ3
bulk 0.08 0.00 0.18

OΣ3
GB 0.07 −0.01 0.18

OΣ5
bulk 0.09 0.00 0.18

OΣ5
GB+1 0.10 0.01 0.18

TΣ5
GB 0.06 0.03 0.23

SΣ5
1 -0.14 −0.23 0.13

SΣ5
2 ,SΣ5

5 −0.13 −0.22 0.13

SΣ5
3 ,SΣ5

4 0.00 −0.09 0.15

SΣ5
6 ,SΣ5

7 −0.08 −0.17 0.15

Table 2: Solution and segregation energies for various bulk-like
(marked with subscript bulk) and interface (marked with subscript
GB) sites in the two investigated GB supercells. The O labels corre-
spond to sites with the octahedral symmetry, the S and T labels cor-
respond to the metastable sites within the Σ5 GB shown in Figs. 3(a)
and 5.

In the case of the Σ5 GB, the number and variability
of possible segregation sites is much larger. For the bulk215

octahedral site (further referred to as OΣ5
bulk) in the middle

of a grain (see Figs. 1 and 2), we again obtain the solution
energy that is very similiar to the reference solution energy
for H in bulk Ni. Within the GB cavity, we were able to
identify seven metastable sites (further referred to as SΣ5

1220

to SΣ5
7 ) where H can segregate, as illustrated in Fig. 2d.

Most of the sites (SΣ5
1 to SΣ5

5 ) lie on the GB plane, while
the sites SΣ5

6 and SΣ5
7 are located approximately at the

level of the (210) Ni planes adjacent to the GB plane. Due
to the mirror symmetry of the GB cavity with respect to225

the (001) and (210) planes, the sites 2 and 5, 3 and 4, and
6 and 7 are equivalent. For all these sites, the computed
segregation energies are negative (cf. Table 2), but the
values for the most and least trapping site differ by more

(a)

(b)

Figure 3: (Color online) Segregation energies for metastable H sites
(full symbols) and associated transition states (empty symbols) for
H migration across (a) and along (b) the Σ5 GB. The full and dashed
lines correspond to relaxed and unrelaxed NEB calculations, respec-
tively. The black symbols connected by the dotted black line repre-
sent the minimum energy path for H migration in bulk Ni.

than 0.1 eV. In addition, we also explored several inter-230

stitial sites surrounding the GB cavity and identified two
sites, one with tetrahedral (TΣ5

GB) and one with octahedral
(OΣ5

GB+1) symmetries, that are most relevant for the H mi-
gration to/from the GB cavity (see Fig. 4c and discussion
in the next section).235

In order to relate the calculated segregation energies
to the underlying electronic structure of the GBs, we also
analyzed the electron density, ρel, at all sites before in-
serting the H atom. The obtained values are listed in the
last column of Table 2. The reference electron densities at240

octahedral and tetrahedral sites in the bulk Ni supercell
amounting to 0.18 and 0.25 Å−3, respectively, are fully
consistent with the values found in the GB supercells. In
contrast, the electron densities at the most favorable segre-
gation sites within the Σ5 cavity are significantly smaller.245

The lowest electron density of only 0.07 Å−3 was found in
the middle of the GB cavity.

H migration to, across and along the GBs

The distorted atomic structure of GBs is expected to
alter also the local migration pathways and associated en-250

ergy barriers for H jumps. We investigated the H migra-
tion in the vicinity of both GBs using either the NEB
method or, in a few cases, just a linear interpolation be-
tween the initial and final states without relaxing the inter-
mediate atomic configurations (i.e., effectively unrelaxed255

NEB calculations).
In the case of the Σ3 GB, we used NEB to calculate

the minimum energy paths (MEPs) for H jumps in three
distinct cases: (i) a jump between two bulk-like octahe-
dral sites remote from the GB, (ii) a jump between two260

neighboring octahedral sites parallel to the GB, and (iii) a
jump between two octahedral sites across the GB plane. It
turned out that in the first two cases the MEP is equal to
that in the perfect crystal, where the migration takes place
through a metastable tetrahedral site (see Fig. 4a), with265

a calculated migration energy barrier of 0.37 eV. In the
third case, the migration path differs from the bulk case
since the neighboring octahedra across the GB plane share
their faces instead of edges as in bulk (compare panels a
and b of Fig. 4). As a result, the neighboring octahedral270

sites across the GB plane are connected without the in-
termediate tetrahedral site. This path is characterized by
a calculated migration energy barrier of 0.55 eV, which is
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almost 50% higher than the barrier in bulk Ni. This in-
dicates that the Σ3 GB acts as a two-dimensional barrier275

for H diffusion.
In the case of the Σ5 GB, the migration pathways are

much more complex and we therefore analyzed separately
the H jumps along and across the GB. For H migration
along the GB plane, we employed the NEB method to cal-280

culate the minimum energy paths connecting the sites SΣ5
1

to SΣ5
5 , both within a single cavity and between neighbor-

ing cavities. The results of these NEB calculations were
interpolated to obtain the whole potential energy surface
(PES) for H migration along the Σ5 GB plane (see Fig. 5).285

The migration barriers for the most relevant transition
states are shown in Fig. 3b. The five locally stable po-
sitions inside the cavity are connected by saddle points of
relatively low migration barriers, not exceeding 0.22 eV, so
that H can move rather freely inside the cavity. Transitions290

between neighboring cavities can occur via two distinct
paths, namely, between sites SΣ5

1 and SΣ5
3′ or SΣ5

5 and SΣ5
2′

(see Fig. 5). These transitions are characterized by migra-
tion barriers which are somewhat higher than those inside
the cavities but still significantly lower than the barrier of295

0.37 eV between two octahedral sites in bulk Ni. The high-
est barrier within the GB corresponds to the jump from
SΣ5

1 to SΣ5
3′ with an energy of 0.27 eV. This energy barrier

can be therefore considered as the determining barrier for
the diffusion of H atoms along the GB plane. Further-300

more, since the migration barrier for the SΣ5
5 to SΣ5

2′ and
SΣ5

2 to SΣ5
3 are only marginally lower (0.24 and 0.22 eV),

the diffusion within the Σ5 GB plane can be considered as
isotropic.

For H diffusion across the Σ5 GB, the crucial events are305

jumps to/from the most favorable segregation sites inside
the GB cavity. We identified a MEP joining the SΣ5

6 site
via the adjacent tetrahedral site TΣ5

GB to a bulk-like octahe-
dral site OΣ5

GB+1. The local atomic configurations around
these sites are displayed in Fig. 4c. In addition, we also310

investigated the transitions between the cavity sites lying
directly on the GB plane (i.e., SΣ5

1 to SΣ5
5 ) and the SΣ5

6

and SΣ5
7 sites located in two cavity lobes extending away

from the GB plane (cf. Fig 2c). Due to high computa-
tional costs, only the SΣ5

6 to TΣ5
GB jump was calculated us-315

ing NEB. The remaining barriers (marked by dashed lines
in Fig. 3a) were obtained from linear interpolations be-
tween the metastable configurations without relaxing the
NEB. They therefore correspond to upper limits of the
barriers. The results in Fig. 3a show that the barriers for320

H migration from bulk towards the GB plane are very low.
The rate-controlling event for H to escape from the GB is
the jump from the cavity to the TΣ5

GB site with migration
energy of 0.27 eV. This barrier is higher than those for H
migration along the GB plane, but it is still significantly325

lower than the barrier for H diffusion inside bulk Ni.

(a)

(b)

(c)

Figure 4: (Color online) (a) Atomic arrangement of bulk fcc Ni show-
ing two octahedra connected by their edges. The MEP for H diffusing
between the neighboring octahedral interstitial sites (blue spheres)
goes via the metastable tetrahedral position (black sphere in the
center of the yellow tetrahedron). (b) In the Σ3 GB, the octahe-
dra share their faces parallel to the GB plane with a saddle-point
position (red sphere) in the center of the shared triangle. (c) Lo-
cal atomic structure around the SΣ5

6 (blue sphere in red pyramid,
tetrahedral site TΣ5

GB (blue sphere in the yellow tetrahedron), and

octahedral site OΣ5
GB+1 (blue sphere in the blue octahedron) relevant

for the migration to/from the Σ5 GB.
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Figure 5: (Color online) Potential energy surface for H along the
Σ5 GB plane obtained by interpolation of several NEB calculations.
Dark blue and black colors indicate the energy minima, light blue
colors indicate regions of intermediate energies, and the white color
corresponds to high-energy regions of H repulsion very close to Ni
atoms (grey balls) that have not been sampled. The labels 1 − 5
correspond to the metastable positions, SΣ5

x , listed in Table 2; note
that the sites 3, 4 and 3’, as well as 2, 5 and 2’, are equivalent.

4. Discussion

In the present work, we investigate the interaction be-
tween atomic H and two GBs in Ni with distinct local
atomic structures. The Σ3(111)[1̄10] STGB is the most330

perfect GB in fcc crystals, and its coherent atomic struc-
ture composed of close-packed (111) atomic layers results
in a very low GB energy. In contrast, the Σ5(210)[001]
STGB has a significantly distorted interface structure, with
an open atomic arrangement characterized by rather large335

cavities at the GB plane. Consequently, its GB energy is
rather high.

The different interfacial structures of the two consid-
ered GBs result in different interaction behaviors with H
atoms. The first difference is with regard to H segrega-340

tion. While the segregation energy for the Σ3 GB is neg-
ligibly small, the Σ5 GB possesses multiple trapping sites
with moderate segregation energies ranging from −0.09 to
−0.23 eV. This indicates that the Σ3 does not attract H
atoms, whereas the Σ5 acts as an efficient two-dimensional345

sink for H. These results agree with those of previous com-
putational studies on polycrystalline Ni. Geng et al. [15]
and Yamaguchi et al. [17] have investigated the H segre-
gation at the Σ5 GB and reported segregation energies of
about the same value for the most stable site. It is also in-350

teresting to note that the segregation energy found for the
interstitial H atoms at the cavity of the Σ5 GB agrees sur-
prising well with the value of −0.27 eV reported by other
investigators [30, 31] for H trapped at a vacancy in bulk
Ni. This result may be surprising at first, since it does not355

correlate with the excess volume, which is about twice as
large for the vacancy (Vvac = 11.0 Å3) than for the GB
cavity (Vcav = 5.5 Å3). However, it becomes clear when
taking into consideration that the most stable H sites in

both cases are not at the locations of the lowest electron360

density, but instead H atoms prefer to attach to internal
surfaces of the two defects where the electron density is
higher. The existence of an optimum electron density for
H binding (chemisorption) to a metal has been predicted
within the effective medium theory (EMT) [42, 43, 1]. Our365

calculations confirm the correlation between the electon
density and the segregation energy (cf. Table 2) with the
optimum electron density ranging between 0.13-0.15 Å−3

at the internal surfaces of the GB cavity. For electron den-
sities higher than 0.15 Å−3 (e.g., in the bulk interstitial370

sites or transition states) or lower than 0.13 Å−3 (e.g., in
the middle of a vacancy or the GB cavity) the segregation
energies become smaller.

The second difference between the two investigated GBs
concerns the diffusion of H. The migration of an H atom375

in the vicinity of the Σ3 GB parallel to the GB plane is
essentially equal to its migration in the bulk interior of Ni.
However, the diffusion across the GB plane is associated
with a significantly higher barrier of 0.55 eV, compared
to 0.37 eV in the bulk. Hence, this GB acts as a two-380

dimensional barrier for diffusing H atoms.
In contrast, the migration of H towards the Σ5 GB is

characterized by energy barriers that are much lower than
the bulk barrier. The diffusing H atoms can easily reach
the favorable segregation sites inside the GB cavities, but385

the escape rates are much lower due to significantly higher
migration barriers for the reverse jumps (cf. Fig. 3a). As
a result, the Σ5 GB can also behave as a barrier for H
diffusion, not because of higher migration barriers but due
to effective trapping.390

Since the migration along the Σ5 GB (i.e., within and
between the cavities) is characterized by a mean migration
barrier which is lower than that in the bulk by almost 30%,
the diffusion along the GB is much faster than the bulk
diffusion. To estimate the enhancement of the H diffusion
along the Σ5 GB, we consider that the diffusion coefficient,

D, is proportional to the jump rate, Γ ∝ e−
∆Emig

kT , and we
assume similar prefactors for the diffusivities in the bulk
and at the GB. We can then estimate the ratio between
GB and bulk diffusivities at room temperature as

DΣ5

Dbulk
∼ e−

∆EΣ5
mig−∆Ebulk

mig
kT ∼ 102. (5)

This estimated value suggests that the H diffusivity at the
atomic scale along the Σ5 GB is about two orders of mag-
nitude greater than that in the perfect single crystal. For
a more accurate treatment, it would be necessary to em-
ploy mesoscopic approaches, such as kinetic Monte Carlo395

simulations, to capture the influence of H trapping and
concentration [19, 31]. Furthermore, it is important to
bear in mind that the results obtained here are strictly
valid just for local H migration around the GBs at the
atomic scale. To describe properly the macroscopic dif-400

fusion of H in polycrystalline materials, it is necessary to
calculate an effective diffusivity that depends strongly on
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microstructural aspects such as grain size, distribution of
GB types, and GB connectivity [44, 45, 46, 47, 48].

As mentioned above, the two investigated GBs have405

markedly different atomic structures and, consequently,
exhibit very different interactions with H atoms. Never-
theless, we believe that the specific properties of these two
GBs are applicable to and characteristic for a wider vari-
ety of GBs. In the following, we provide further support410

for this assumption by analyzing and comparing results of
previous theoretical and experimental studies.

In polycrystalline materials, there are many grain mis-
orientations and interface inclinations leading to a variety
of GB types [49]. In this study, we did not consider low-415

angle GBs, which can be well described by dislocation net-
works, but we focused only on high-angle GBs with charac-
teristic atomic structures. This class of GB can be divided
into two subsets, namely, singular (often also called spe-
cial) and general GBs [49]. In singular GBs, most of the420

interfacial atoms fit very well with both adjoining crystal
structures and attain also a favorable configuration at the
interface (e.g., metals favor dense packing of atoms). Be-
cause of the weak distortions and a favorable atomic struc-
ture, these GBs are at a local minimum in the energy with425

respect to geometrical degrees of freedom. On the con-
trary, in general GBs the atomic structure is strongly dis-
torted and contains large regions of poor structural match
of interfacial atoms and/or significant excess volumes. As
a result of the distorted and more open structure, general430

GBs have higher interface energies than singular GBs.
Both GBs investigated in this work are singular GBs,

but while the Σ3 twin boundary can be considered as the
most coherent GB, the Σ5 has features that are more akin
to a general GB, i.e., a more open structure composed of435

characteristic structural units (cf. Fig. 2), and a rather
high GB energy (cf. Table 1). The results obtained for the
Σ5 GB may be therefore considered as representative for
general GBs as well. In order to validate this hypothesis,
we performed a detailed comparison of experimental and440

other computational results, not only for Ni but also for
other metals.

The comparison with experimental results is not easy
because in most studies an effective diffusion in polycrys-
tals is reported only. Because of that, we focus first on445

the recent studies of Oudriss et al. [16, 24], who carried
out a systematic investigation of diffusion coefficients and
migration energies for H in various Ni microstructures.
The reported migration energy of 0.25 eV for general GBs
is quantitatively consistent with the range of values ob-450

tained in our study for the H migration along the Σ5 GB.
Even though it is not possible to identify the exact GB
types from the reported experimental studies, this agree-
ment gives weight to our hypothesis that Σ5 GB can be
cautiously considered as a representative for general GBs.455

In addition, Oudriss et al. [16, 24] reported that the ef-
fective H diffusivity gradually increases by up to two or-
ders of magnitude when the grain size is reduced, but for
nanocrystalline Ni with grain diameters below 0.1 µm

it decreases again. This enhancement of diffusivity with460

increasing fraction of GBs is again consistent with our re-
sults. However, the comparison is in this case not trivial
due to additional effects of H concentration, trap filling,
GB connectivity, and the presence of other crystal defects
such as dislocations, which all likely affect the measured465

diffusivities. Also earlier experimental studies [23, 50, 51]
consistently report an accelerated H diffusion with GB dif-
fusivities being 1-2 orders of magnitude faster than the
bulk diffusivity. Nevertheless, as already pointed out, it is
difficult to make quantitative comparisons.470

A very limited number of atomistic simulation stud-
ies on H diffusion at Ni GBs are available in the liter-
ature. Molecular dynamics studies [21, 52] based on an
embedded-atom method potential of Angelo and Baskes [53]
showed a significant enhancement of H diffusion at vari-475

ous Ni GBs. To our knowledge, no first-principles calcula-
tions exist for Ni, but Du et al. [14] investigated recently
the interaction of H with GBs in fcc Fe using DFT. Sim-
ilar to our study, they considered two different GB types
– Σ3(111)[110] and Σ11(113)[110] STGBs, as representa-480

tives of dense and open GB structures. In neither of these
two GBs H trapping or diffusion enhancement was found.
While these results are consistent with ours for the Σ3 GB,
they appear contradictory for the open Σ11 GB, which
would be expected to behave similarly to our open Σ5 GB.485

However, the Σ11(113)[110] is known to be an atypical GB
with not only a very low GB energy but also very small
excess volume [49, 54, 40]. This GB is therefore more akin
to the Σ3 than to the Σ5 GB.

In another study, Pedersen et al. [18] used an EMT po-490

tential fitted to DFT data to investigate the H interaction
with different GBs in Al. According to their kinetic Monte
Carlo simulations, none of the inspected GBs showed an
enhanced H diffusivity. Even though these results have
to be taken with caution due to the empirical nature of495

the EMT potential, this result may be related to a faster
H diffusion in bulk Al. Because Al has a larger lattice
parameter than Ni, H prefers to occupy tetrahedral inter-
stitial sites in Al, and the migration barrier for H in Al is
only half of that in Ni [55]. The migration energies within500

the GB plane reported by Pedersen et al. [18] are similar
to our values for the Σ5 GB, but due to faster bulk diffu-
sion the H diffusivities at the GBs are not enhanced but
rather impeded.

This outcome may be common to other fcc metals with505

high bulk diffusivities as well as to bcc metals, where the H
diffusion is generally very fast. In order to corroborate this
hypothesis, additional investigations are necessary, but a
partial confirmation can be given considering the cases of
fcc Pd and bcc Fe. Pd has a low bulk migration energy510

of about 0.2 eV [2], and GBs were found to impede H
diffusion [56] as in the case of Al. H in bcc Fe has a very
low energy barrier for bulk migration, and also in this case
no diffusion enhancement was observed [20].
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5. Summary and conclusions515

First-principles calculations based on density functional
theory have been performed to investigate different aspects
of H atoms interacting with grain boundaries in Ni. Two
model GBs, Σ3(111)[1̄10] and Σ5(210)[001], have been se-
lected and their interface atomic and electronic structures520

carefully analyzed. Both the segregation of H at various
interstitial sites in the vicinity of the GBs and the migra-
tion of H towards and along the GBs have been studied in
detail. The key results of our study are:

1. The H trapping and migration depend strongly on525

the GB character.

2. The Σ3 STGB does not trap H atoms and acts as a
two-dimensional obstacle for H diffusion.

3. The Σ5 STGB acts as an effective two-dimensional
sink for H atoms, but provides fast migration chan-530

nels along the GB plane where H can diffuse about
two orders of magnitude faster than in bulk Ni.

Our results are consistent with those of other compu-
tational and experimental studies. Based on comparisons
with available literature data, we presume that the cho-535

sen GBs can be considered as representatives for a larger
variety of GB types. The results obtained for Ni can be
also transfered to other metals, but it is always necesary to
consider the GB effects with respect to bulk diffusion. If
the bulk diffusion is sufficiently fast, the effect of enhanced540

diffusion along GBs can be negligible, or the trapping may
even prevail.

We believe that our results help to clarify some ap-
parent controversies in the literature about the effect of
GBs on diffusion of H. Nonetheless, an ultimate answer to545

that issue requires further investigations, by experiment
and simulation, of the H diffusion in properly designed
polycrystalline microstructures with well defined GBs.
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